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Hydrogen effects on the ductile to brittle
transition behaviour of 21-6-9 stainless steel
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Charpy V-notched impact test studies on 21-6-9 austenitic stainless steel at 293 and 77 K
demonstrated that hydrogen charging promoted the formation of larger microvoids at 293 K,
promoted the formation of facets at 77 K, and reduced the energy absorbed by the material at
both temperatures. These observations suggest that the role of hydrogen in the impact
behaviour of this material is to enhance whatever crack-growth mechanism is operating at a
given temperature. Further, the observation that embrittlement exists even at liquid nitrogen
temperatures indicates that little or no localized rearrangement of hydrogen during the test is
required or that relatively high strain-rate effects on hydrogen embrittlement need not be
necessarily attributed to enhanced transport of hydrogen atmospheres by mobile dislocations.
The data presented in this paper are consistent with a model in which the mechanism of
hydrogen embrittlement is affected by the extent of plastic deformation.

1. Introduction

Previous investigations have established the behavi-
our of conventional Fe—Cr—Ni stainless steels in hy-
drogen environments [ 1-6] and, although susceptible
to hydrogen embrittlement, these alloys appear ad-
equate for most hydrogen service. However, most of
this work has been principally concerned with tensile
properties and crack-growth behaviour. These studies
have also shown that the tendency for embrittlement
generally increases as the strain rate is decreased in
hydrogen-charged specimens and that a ductility min-
imum can be observed at 220 K with no effect being
observed around 77 K. Despite the recognition of the
importance of strain rate in hydrogen and low-tem-
perature environments, little work has addressed the
role of hydrogen on the impact behaviour of stainless
steels. [t is often assumed by designers that austenitic
stainless steels (predominantly Fe—Cr—Ni) do not ex-
hibit a ductile-to-brittle transition, although such be-
haviour has been demonstrated in Fe—Cr—Mn steels.
Work done over the last decade or so, however, has
clearly demonstrated that several Fe—Cr—Ni austeni-
tic steels [7-10] are indeed susceptible to hydrogen
effects even at liquid nitrogen temperatures (77 K). It
is essential, therefore, that if such steels are to be
considered for low-temperature structural appli-
cations that their tendency for brittle fracture be
investigated. Hydrogen is known to have a deleterious
effect on the fracture behaviour of most ferrous alloys:
however, there is a considerable degree of disagree-
ment about the overall mechanism for embrittlement.
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Previous studies [11-15] have associated embrittle-
ment with the interaction of hydrogen with grain-
boundary impurities, plastic deformation processes,
disiocations, deformation and martensite formation,
stress gradients, interfaces and voids. Many of the
suggested models require the redistribution of hydro-
gen during the test, resulting either in localized high
concentrations or interaction with some microstruc-
tural feature produced during the test. At slow strain
rates and at ambient temperatures, dislocation trans-
port may be possible. However, impact testing strain
rates are much higher than those used for tensile tests.
These high strain rates coupled with low temperatures
preclude any large-scale redistribution of hydrogen
during testing, considering the low diffusivity of hy-
drogen in austenite at 77 K (10™*3 m?s7 1),

2. Experimental procedure

The test specimens for these impact studies were
machined from cross-rolled plate stock of Type 21-6-9
stainless steel. The composition of the test material is
given in Table I. Room-temperature tensile properties
of the test material are given in Table II. Modified
Charpy V-notch specimens were machined according
to ASTM E 23 A specifications from the stainless steel
plate and charged with gaseous hydrogen. Hydrogen
charging of the specimens was achieved by exposing
the specimens to hydrogen gas at either 13.8 or
138 MPa in an autoclave maintained at 573 K for 45
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TABLE I Composition (wt%) of 21-6-9 stainless steel test
material

C 0.04
Mn 8.80

Si 0.32

P 0.017
S 0.013
Cr 19.34
Ni 5.89

N 0.29
(o] 0.007
Fe Balance

TABLE II Room-temperature, quasi-static tensile properties of
21-6-9 stainless steel

Yield stress (MPa) 568
Ultimate stress (MPa) 775
Elongation (%) 344
Reduction in area (%) 74.9

days. No attempts were made to measure the hydro-
gen content in these specimens. The exposed speci-
mens were then removed from the autoclave and
stored at 273 K until they were tested. Uncharged
control specimens were also heated at 573 K for 45
days in order to eliminate thermal treatment effects as
an experimental variable. Impact tests were performed
using an instrumented impact machine on the hydro-
gen-charged and the uncharged specimens at 293 and
77 K. Oscilloscope readings of absorbed energy and
load versus time were photographed for each test and
subsequently digitized on to a computer. Fracto-
graphic observations were made on selected speci-
mens to determine the effects on hydrogen exposure
on the fracture process.

3. Results

The peak loads and absorbed energy for all of the tests
are summarized in Table III. The load versus time
traces are schematically depicted in Fig la—c and 2a
and b. A comparison of uncharged specimens with
hydrogen-charged specimens led to the following gen-
eral observations.

{a) A decrease in temperature is accompanied by an
increase in peak load and a decrease in energy ab-
sorbed. The decrease in absorbed energy with temper-
ature is most severe at the highest level of hydrogen
charging.

TABLE 111 Results of 21-6-9 stainless steel impact tests

Test Hydrogen-  Energy Peak load Uncharged
temperature charging absorbed (kN) energy
(K) condition ()] Y%
(MPa)
293 0 359 231 100
293 138 336 231 94
293 138 295 231 82
77 0 54 311 100
77 13.8 51 327 94
77 138 37 31.6 69
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Figure 1 Load—time traces of (a) uncharged specimens, (b} speci-
mens charged at 13.8 MPa hydrogen, and (c) specimens charged at
138 MPa hydrogen.

(b) Hydrogen charging by itself causes a decrease in
energy absorbed. These reductions are more severe at
77 K than at 293 K.

(c) Hydrogen charging displaces the load-time
traces to the left of the uncharged specimens at both
temperatures (Fig. 2).
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Figure 2 Load-time traces of specimens tested at (a) 293 K and (b}
77 K, all hydrogen charging levels.

The fracture surfaces of all specimens showed re-
gions of ductile rupture, although frequently a hetero-
geneous distribution of microvoid sizes was present.
The microvoids in the specimens tested at 293 K
increased in size as hydrogen content increased as
shown in Figs 3 and 4 which show the fracture sur-
faces of the specimens exposed to 0 and 138 MPa
hydrogen, respectively. The fracture surfaces of the
specimens tested-at 77 K exhibited both dimples and
facets. The tendency towards brittle fracture increased
with hydrogen charging as shown in Figs 5 and 6
which show the fracture surfaces of the specimens
exposed to 13.8 and 138 MPa hydrogen, respectively.
The specimens tested at 77 K and charged at 138 MPa
hydrogen, also exhibited secondary cracking as shown
in Fig. 7. A summary of the observed fracture features
is provided in Table IV.

4. Discussion

The impact tests performed on uncharged specimens
at room temperature yielded the highest values for
absorbed energy in this study. Lowering the test tem-
perature to 77 K from 293 K severely decreased the

Figure 3 Fracture surface of uncharged specimen tested at 293 K, X
300.

Figure 4 Fracture surface of specimen charged at 138 MPa hydro-
gen and tested at 293 K, X 300.

Figure 5 - Fracture surface of specimen charged at 13.8 MPa hydro-
gen and tested at 77 K, X 300.

5487



Figure 6 Fracture surface of specimen charged at 138 MPa hydro-
gen and tested at 77 K, X 300.

Figure 7 Secondary cracking observed in specimen charged at
138 MPa hydrogen and tested at 77 K, X 1000.

TABLE 1V Fracture features observed in 21-6-9 stainless steel
impact tests

Test Hydrogen- Fracture
Temperature charging features
X) condition
(MPa)
293 0 Dimples
293 13.8 Larger dimples
293 138 Still larger dimples
77 0 Dimples and facets
77 138 Dimples and more facets
77 138 Dimples and still more

facets, secondary crac-
king

energy absorbed by the material. A change in fracture
mode from microvoid coalescence to mixed ductile
and brittle fracture was observed at all hydrogen
charging levels with a decrease in test temperature.
The change in fracture mode and decrease in absorbed
energy are due to the existence of a ductile-to-brittle
transition in this alloy. The existence of faceted frac-
ture is not simply a hydrogen-induced effect; however,
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as the degree of hydrogen charging increased at 77 K,
more faceted fracture resulted, supporting the embrit-
tlement hypothesis that hydrogen absorption lowers
the strength of interfaces in the austenitic lattice. The
decrease in absorbed energy with a decrease in tem-
perature was also more severe at the highest level of
hydrogen charging. This observation suggests that
sufficiently high levels of absorbed hydrogen changes
the ductile-to-brittle transition behaviour of the test
material.

As the level of hydrogen charging increased, the
energy absorbed by the specimens decreased at both
293 and 77 K. Many models of hydrogen embrittle-
ment require the redistribution of hydrogen during
dynamic testing for the embrittlement process to be
operative. Dislocation transport of hydrogen has been
proposed as the redistribution mechanism under
conditions of dynamic testing while the strain-rate
dependence of hydrogen embrittlement has been used
as experimental support for the role of dislocation
transport in hydrogen embrittlement processes. How-
ever, the observation of hydrogen embrittlement at
77 K in this and previous studies [7-9] suggest that
long-range hydrogen redistribution during testing is
not a necessary prerequisite for hydrogen-induced
degradation of the mechanical properties of austenitic
stainless steels. This conclusion is emphasized by not-
ing that the diffusivity of hydrogen in austenite at
77 K is approximately 10™*3 m?s~ !, When hydrogen
diffusivity is so low at 77 K the maximum redistribu-
tion distance that is possible during testing is calcu-
lated to be far less than 0.1 nm (one jump distance).
Under these low-temperature conditions, test-induced
redistribution is virtually impossible. Thus, even if
dislocation transport greatly increases the diffusivity,
no significant long-range redistribution of hydrogen
could occur in the limited time spans required for
impact fracture tests. Therefore, this single observa-
tion provides strong evidence that the strain-rate de-
pendence of hydrogen embrittlement in dynamic tests
need not necessarily be rationalized solely through
dislocation transport arguments, particularly at low
temperatures. Other effects that may influence such
embrittlement are orientation and/or interfacial
strengths.

The instrumented impact machine has been used
previously by several investigators to study the dy-
namic fracture behaviour of steels [16—18] and, more
recently, of stainless steels [7-97]. The load—time and
the energy-time traces can provide detailed informa-
tion on the characteristics of the fracture processes
during dynamic loading. Considering the room-tem-
perature load—time traces (Fig. 2a), it is observed that
until the maximum load is reached, hydrogen exerts a
minimal effect on the properties of the material. How-
ever, after the maximum Iload is reached, the
load-time trace is shifted to the left and the tearing
slope becomes steeper with hydrogen charging. Be-
cause the observed changes in the load—time traces do
not occur until after the peak load, this suggests that
hydrogen is primarily affecting crack growth rather
than crack nucleation in the specimens tested at am-
bient temperatures. The specimens tested at 293 K



failed by ductile rupture at all hydrogen charging
levels. Ductile fracture is a result of the nucleation,
growth and link-up of microvoids; either or all of these
steps may be affected by hydrogen [19, 20]. The
increase in the size of the dimples on the fracture
surface with hydrogen charging at 293 K further sug-
gest that hydrogen is affecting the growth of micro-
voids in these specimens by increasing the plasticity of
ligaments between microvoids [21]. Hydrogen-en-
hanced plasticity was first proposed by Beachem [22]
and supported by subsequent observations [19,
23-28]. It was observed that hydrogen enhanced dis-
location motiomr and multiplication in the early stages
of deformation and resulted in the formation of disloc-
ation tangles [23, 27]. Although the dislocation mo-
tion was enhanced, it was also more localized [24].
The resulting dislocation structures are not changed
by the presence of hydrogen [25], but the critical
strain for the various stages of fracture are reduced by
hydrogen [28]. This mechanism is consistent with the
steeper drop in load observed with hydrogen charging
at 293 K.

The load-time traces of the specimens tested at
77K also show a shift to the left with hydrogen
charging (Fig. 3b); however, in this case the shift oc-
curs prior to as well as after the maximum load. This is
a macroscopic result of the secondary cracking ob-
served through fractography (Fig. 7). The energy re-
quired for nucleation of cracks in the specimens tested
at 77 K with hydrogen charging is less than that for
the uncharged specimens. This is evinced by the ob-
served decrease in absorbed energy values and the
presence of secondary cracking in the hydrogen-
charged specimens tested at 77 K. When the impact
hammer strikes a specimen, a certain amount of en-
ergy is available for the nucleation of cracks. In gen-
eral, the energy required to separate interfaces in a
material that exhibits a ductile-to-brittle transition
temperature is greater at higher temperatures (293 K
and above} than at lower temperatures. In this study,
in the specimens charged at 138 MPa hydrogen and
tested at 77 K, the available energy was sufficient to
separate simultaneously several interfaces near the
notched region which resulted in the creation of mul-
tiple cracks. This phenomenon of multiple initiation
led to the growth of several of these cracks which was
manifested in the form of the secondary cracks ob-
served in the hydrogen-charged specimens tested at
77 K. As the impact process continued, all of these
cracks coalesced with the most dominant crack front
and resulted in final failure. The brittle fracture ob-
served in the specimens tested at 77 K can be rational-
ized by the reduced strength of various interfaces due
to the presence of lower temperature and/or the segre-
gation of hydrogen to these interfaces. The degree of
damage created by hydrogen or temperature on the
interfacial strength of a given alloy are in competition
with one another. The results also suggest that the
environment (hydrogen or temperature) which domin-
ates at a particular temperature is that which produces
the greatest decrease in impact properties. The use of
two different sets of specimens at the same temper-
ature Jevel (with and without hydrogen) also facilitates

the separation of temperature effects and hydrogen
effects. It is observed that at lower temperatures, the
hydrogen effect is masked by the temperature effect on
the impact properties of the test material. The com-
bined presence of hydrogen and low temperatures
may contribute synergistically to the increased ease
for multiple initiation in the hydrogen-charged sam-
ples tested at low temperatures and is possibly mani-
fested in this study in the form of a shift in the peak-
load curve towards lower temperatures. These results
can be sufficiently rationalized through a model for
embrittlement that involves interfacial energies associ-
ated with separation. In such a model, it is hypothes-
ized that temperature and hydrogen can create similar
effects in a material. Support for this model is derived
from other recent studies [10, 17, 18, 29-31] which
showed that slip bands, twin boundaries, inclusions
and grain boundaries all show different degrees of
susceptibility to hydrogen embrittlement. Exposure of
the specimens to hydrogen gas allows its segregation
to several interfaces in the material. In this particular
case, the hydrogen accumulation along the grain
boundaries lowered the interfacial strengths thereby
facilitating decohesion. Such a model is also consistent
with the secondary cracking observed in the environ-
mentally degraded specimens.

Although hydrogen charging did not induce a
change in fracture mode from MVC to brittle fracture
at either test temperature, it did affect the fracture
mode operating at a given temperature. The amount
of plasticity occurring at the crack tip was determined
primarily by test temperature, as indicated by the rise
in the peak load sustained by the specimens tested at
77 K. When the fracture mode was ductile (293 K),
hydrogen enhanced crack growth by affecting micro-
void growth as evinced by an increase in microvoid
size and a steeper drop in load. When the fracture
mode was more brittle (77 K), hydrogen lowered inter-
facial strengths, as indicated by an increase in faceted
fracture and secondary cracking. Changes in fracture
mode from microvoid coalescence to quasi-cleavage
to intergranular in the hydrogen-assisted cracking of
wedge-loaded steel specimens have been observed in
previous studies [22]. These changes were attributed
to the decrease in the stress intensity at the crack tip as
the crack grew which in turn decreased the size of the
plastic zone. The model proposed to explain these
changes in fracture mode suggested that hydrogen
aids whatever deformation processes a given combina-
tion of microstructure and applied stress intensity will
allow. The results of this study are consistent with
such a model.

5. Conclusions

1. Hydrogen charging affects the ductile-to-brittle
transition behaviour of 21-6-9 stainless steel by redu-
cing the energy absorbed by the material and by
enhancing brittle fracture at low temperatures thus
shifting the ductile-to-brittle transition temperature to
the right (fo higher temperatures).

2. Long-range internal redistribution of hydrogen is
not a necessary prerequisite for the embrittlement of
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21-6-9 stainless steel under conditions of dynamic
loading.

3. The role of hydrogen in the impact behaviour of
21-6-9 stainless steel is that of enhancing the crack-
growth mechanism operating at a given temperature.
At 293 K, hydrogen-enhanced plasticity is manifested
by a steeper drop in load and the formation of larger
microvoids. At 77 K, the lowering of interfacial
strengths by hydrogen is manifested by an increase in
faceted fracture and secondary cracking.
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